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Abstract 
HSLA-100 is a precipitate strengthened low alloy steel that is often used for its good 
combination of  high yield strength and impact toughness. During initial fabrication and 
service, multipass welds and weld repairs often need to be made. Much work has been 
done to determine the properties in the heat affected zone (HAZ) for HSLA-100 but less 
results are available to understand microstructural evolution and resultant properties of 
the HAZ under multi-pass welding conditions. The objective of this study is to 
understand the effect of multiple thermal cycles on the blast resistance of the HAZ, as 
measured by the hardness and low temperature impact toughness. 
First, the large variations in the HAZ hardness were observed and were shown to 
be associated with compositional banding. These bands were analyzed, and it was found 
that the compositional gradients were due to micro segregation that is rolled out during 
processing. Dictra simulations of a typical heat treatment demonstrated that carbon 
preferentially segregates to the higher composition sections, increasing the hardness. This 
difference in composition also leads to changes in the transformation temperatures, 
leading to significant differences in the microstructure.   
The hardness and toughness of the different parts of the HAZ were then tested. In 
the HAZ simulations of HSLA-100, the hardness increases from the base metal (BM) 
value of approximately 260 HV. It reaches a maximum with a peak temperature of 
900°C. The impact toughness in general was equal or higher than the BM, except for the 
coarse grained HAZ (CGHAZ), which was slightly below the acceptable minimum for 
the BM. However, the CGHAZ does not degrade in toughness after multiple thermal 
cycles. There is an increase in hardness and decrease in toughness in the inter-critical 
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region with increasing weld passes, which is attributed to increasing amount of austenite 
transformation during heating. It was found that the transformation kinetics on heating 
were too slow to allow the sample to reach the equilibrium concentration of ferrite and 
austenite. A fully transformed sample was tested, which has comparable hardness and 
toughness to the multipass intercritical HAZ. The reheated CGHAZ showed a 
rejuvenation in toughness for the 810 and 900°C peak temperature samples while 
demonstrating no local brittle zone phenomenon or the corresponding microstructural M–
A constituent phases that follow this reduction in toughness. 
 Additional samples underwent welding simulation testing after a 10% pre-strain 
to study how residual stress and weld repairs would influence the resulting properties. 
The pre-strained FGHAZ and CGHAZ samples had comparable hardness and toughness 
to the single pass samples due to recovery, recrystallization, and grain growth. The pre-
strained intercritical samples have comparably accelerated kinetics as compared to the 
single pass, possibly due to faster diffusion from the increased dislocation density. 
The work conducted to date demonstrates that HSLA-100 that has been exposed 
to multiple weld thermal cycles will maintain high toughness in the HAZ. The only 
exception to this observation is the CGHAZ, but it is only slightly below the minimum 
for the base metal, and simulated weld multipass or reheat condition will not lower the 
toughness significantly below this value. In fact, there is rejuvenation for some reheated 
CGHAZ samples. There is progressive phase transformation in the intercritical region, as 
seen with multiple weld passes, but the fully transformed samples still maintained 
excellent impact toughness and high hardness. It is important to note that the 10% cold 
working before the tests seem to accelerate these kinetics, leading to significant 
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differences between the pre-strained and unaffected intercritical samples. The differences 
between the light and dark band, especially in the intercritical samples, is due to 
compositional differences which lead to a comparatively increased hardenability in the 
dark band. The autogenous welds confirm that this compositional banding has a greater 
effect on hardness than multiple weld passes. 
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A. Introduction 
Copper precipitate strengthened High Strength Low Alloy (HSLA) steels are used in 
many structural applications that require a combination of strength (up to ~1,000 MPa 
yield strength) and toughness (up to ~ 140 J impact energy at – 80 oC). Common alloys in 
this family include BlastAlloy 160, NUCu-140, and HSLA-100. Unlike quenched and 
tempered steels, these alloys have reduced carbon concentration and can therefore often 
be welded without the need for expensive preheat operations. 
The design of these severe service HSLA products is often based on as-manufactured 
properties measured in the base metal, HAZ, and weld metal. Multiple weld passes are 
often required during initial construction to meet inspection requirements. Additionally, 
multiple weld repair cycles may be required during service. The microstructures that 
evolve under these practical applications are expected to be quite complex and can vary 
in three ways.  
The first application involves the original fabrication, in which many regions of the 
weld experience a wide range of peak temperatures during each successive weld thermal 
cycle. In this case, the “starting microstructure” is no longer that of the unaffected base 
metal, but is a pre-existing fusion zone or HAZ region that subsequently experiences a 
completely new set of thermal conditions.  
The second application involves repair scenarios that, for the current application of 
interest, can include up to ten successive thermal cycles within the same region. The 
potential effect of these multiple thermal cycles and cumulative plastic strain from 
residual stress (that can accelerate precipitation kinetics) has yet to be addressed. Thus, it 
is currently not known if an upper limit exists to the number of weld repairs that can be 
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made while maintaining adequate properties for the intended service. In addition, there is 
currently no accepted code guidance or requirements that define the acceptable number of 
weld repairs.  
Lastly, during both the original fabrication and weld repairs, the weld beads may not 
be overlapping perfectly. This adds an extra dimension to the effect of welds on the HAZ 
of a separate weld. That is, during a weld, a previous thermal cycle will be affected in an 
uneven manner, one side heating to a higher temperature than the other. Considering that 
HSLA steels rely on a complex heat treatment, copper precipitation strengthening, and 
tempered low carbon martensite to achieve the desired strength and toughness, it is 
essential to develop a fundamental understanding of HAZ strength changes as a function 
of the number of weld repair cycles. The approach developed in this study could be 
utilized to understand the basis for accepting multiple weld repairs in other grades of steel 
as well. 
B. Microstructure and Mechanical Properties of the Base Metal 
1.1.1. Microstructural Phases 
High Strength low alloy steels have the advantage of good weldability and high 
strength in comparison to high carbon steels. Since high strength steels have low carbon 
contents, there is a lower chance of weld defects such as hydrogen cracking1. Because of 
the lowered carbon content and thus lower hardenability, brittle phases such as martensite 
are generally less likely to form. Thus, expensive welding preheats are not necessary to 
drive hydrogen out of the weld. The high strength of the alloy is due to tight control of 
the microstructure, accomplished with very specific alloying components and heat 
treatments.  
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The base metal microstructure is primarily tempered martensite and acicular ferrite2. 
Tempered martensite has excellent strength and high hardness. Acicular ferrite makes up 
the other major microstructure, which forms at high cooling rates, though not as high as 
is necessary for martensite to form. Acicular ferrite is desired because it has increased 
toughness, due to its fine, plate-like shape and chaotic ordering. Since it nucleates 
heterogeneously on small inclusions and is uniformly distributed through the matrix, one 
packet of acicular ferrite has many high angle grain boundaries. If a crack were to 
propagate through this microstructure, it would be deflected as it moved from one 
acicular ferrite plate to another, giving the microstructure excellent toughness. The weld 
metal is often controlled to maximize the volume fraction of acicular ferrite, to prevent 
embrittled zones created by fresh martensite or coarsened precipitates1. Acicular ferrite is 
similar to bainite, but the primary difference in their microstructure is due to differences 
in their nucleation sites. Bainite sheaves grow from grain surfaces as a series of parallel 
plates. Acicular ferrite nucleates intragranularly on oxide inclusions, causing non-parallel 
growth. The acicular ferrite is initially generally thought to grow through a diffusionless 
shear shape deformation in the austenite. This shear deformation occurs on certain planes 
and directions. Because of this, the acicular ferrite structure and orientation are directly 
related to that of the austenite, thus these laths cannot grow beyond the austenite grain 1. 
This is not the case for ferrite that grows with a diffusional transformation, as it can grow 
into adjacent grains. The acicular ferrite growth stops when the solute concentration in 
the remaining austenite is too high for the diffusionless transformation to occur. For 
HSLA-100 this austenite will then be retained at room temperature. For other HSLA 
products, this austenite may transform into a ferrite-carbide aggerate, similar to 
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degenerate pearlite3. This implies that the acicular ferrite grows supersaturated with 
carbon and other solutes, which is then rejected into the surrounding austenite. Because 
of this, there is not complete agreement on this transformation mechanism of acicular 
ferrite.  
This retained austenite is a major toughness agent, which is present as a thin film 
between grains of acicular ferrite. The retained austenite is helpful for improving 
toughness by the well-known Transformation Induced Plasticity (TRIP) mechanism 3. 
During high strain and deformation, the retained austenite transforms into martensite, 
increasing the hardness and strength. This room temperature transformation produces 
large increases in work hardening rate. It must be noted however, that high strength low 
alloy steels are not “TRIP steels,” that is, the retained austenite is not a significantly 
controlled feature of the microstructure. Typically, TRIP steels have increased nickel and 
manganese concentrations as they are austenite stabilizers1. The heat-treating process 
would also be focused on optimizing the retained austenite volume fraction, which is not 
a specific aim of heat treatments used for HSLA steels. Most high strength low alloy 
steels are primarily ferritic or martensitic, not austenitic.  
1.1.2. Precipitates in the Microstructure 
HSLA-100 additionally is strengthened by niobium-carbonitride, cementite, and 
copper precipitates2. The niobium-carbonitride precipitates are important for controlling 
grain growth during thermal treatments. This is especially important for weld thermal 
cycles, as this carbonitride is still stable at higher temperatures where copper is not. The 
coarse cementite precipitates are often along the prior austenite grain boundaries. Coarse 
grain boundary cementite precipitates are known to be embrittling phases which can 
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cause cracking during rolling or coldworking4.  Thus, the composition of the steel must 
be tightly controlled to minimize the cementite volume fraction due to the decrease in 
toughness that results. This is done primarily though low carbon content and promoting 
carbide and carbonitride formation. Although all precipitates contribute to the steel’s high 
strength, the finely distributed copper precipitates are particularly important for 
strengthening.  
Precipitation strengthening in HSLA-100 comes from two different phases, coherent 
copper precipitates and the carbide precipitates. The nanoscale copper precipitates (2-5 
nm radius) are coherent with the ferrite or martensite microstructure5. The difference in 
the shear modulus of the BCC copper precipitates and ferritic or martensitic matrix 
causes a dislocation energy change between the phases, impeding dislocation movement. 
However, the strengthening mechanism also includes chemical, misfit, and dislocation 
core-precipitate interaction strengthening. When a dislocation interacts with this copper 
precipitate, it must shear through it. The coherent particles also exhibit coherency strain, 
which interferes with dislocation motion. However, if the copper precipitate coarsens, 
transforming into a FCC microstructure, the precipitate is no longer coherent with the 
matrix and all coherency strain effects disappear. Thus, the only way for the dislocation 
to interact with the precipitate is if it were to shear through. Changing from BCC to FCC 
means that the dislocation can glide through several different slip planes in the 
precipitate, causing a greatly reduced hardening effect. For greater particles sizes, such as 
the Nb(C,N) precipitates in HSLA-100, the strengthening mechanism is the Orowan 
Dislocation Bowing phenomenon 6. These precipitates act as dislocation “pins,” causing a 
bowing effect along the line of the dislocation. For the dislocation to continue gliding, the 
10 
 
bows will close into loops. Though this is a precipitate strengthening mechanism, there is 
lower volume fraction of the carbides compared to the copper precipitates. Additionally, 
the strengthening effect of the Orowan dislocation bowing phenomenon is more limited 
compared to the copper precipitate phenomenon 7. A typical one peak age hardening 
curve, seen in Figure 1, demonstrates the two mechanisms that occur during aging. As the 
small particles grow in Stage I, the coherency strain will also increase, increasing 
strength from preventing dislocation motion. However, there is a peak due to loss of 
coherency in Stage II, and a lessened effect from strength as particle radius decreases. 
Since the small coherent precipitates provide the most strength, the strengthening effect 
from the Nb (C,N) is considered negligible and will not be discussed. 
The ability to precipitation strengthen these materials allows end users to balance 
strength with toughness to best fit their needs. Figure 2 shows the variation in yield 
strength and impact toughness as a function of aging temperature for HSLA-100 8. There 
is an initial peak in yield strength at 300 oC due to formation of copper clusters. The 
small drop in yield strength at 400 oC is due to tempering of martensite. The yield 
strength then raises by 100 MPa to about 1000 MPa as the aging temperatures increases 
from 400 to 500 oC. With this increase in strength, the impact energy drops by 100 J to 
about 50 J. This sudden change in properties is due to copper precipitation in the base 
metal. It is interesting to note that the copper precipitates start with a high coherency with 
the matrix, which will be either ferrite or martensite. Thus, at small sizes (radius < 5 nm) 
the copper precipitates have a BCC crystal structure. Thermodynamically, these copper 
precipitates are most stable with a FCC crystal structure. Therefore, when the precipitates 
coarsen, they subsequently transform from a BCC structure to a FCC structure, causing 
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the loss of coherency seen at higher temperatures. At 600 and 650 oC, the strength drops 
by 150 and 200 MPa respectively, with a similar raise in impact energy. This is due to the 
loss of coherency between the copper and the matrix.  
1.1.3. Fabrication of Base Metal Microstructure 
The HSLA-100 steel is synthesized through three different processes: forming, heat 
treating, and aging 9. The alloy is formed at 1175 oC for no longer than 1.5 hrs. It then 
undergoes two separate austenization and quench cycles, both at 900 oC for 135 minutes. 
This process, called a double gamma quench as γ is the representative symbol for 
austenite, is required to fully dissolve all precipitates and supersaturate the martensitic 
and ferritic microstructure. The double treatment also refines the grain structure for 
optimum toughness 10. The alloy is then aged for copper precipitation to produce the 
required mechanical properties. The aging temperature and time is chosen so that the 
precipitates are of appropriate radius and volume fraction. However, this may change 
depending on the application as discussed above. 
C. Characterization of the Heat Affected Zone for HSLA-100 
1.1.4. Definition of Fusion Zone and Heat Affected Zone 
When an alloy is welded, the weld pool is the region where two different alloys are 
joined. Figure 3 is a cross section of a weld, with each zone labeled 11. This re-solidified 
metal is called the Fusion Zone (FZ). Around the FZ, there are mixed and unmixed 
regions, which do not appear for autogenous welds, as no filler metals are used. Around 
the weld is the Heat Affected Zone (HAZ), a region where the Base Metal (BM) did not 
melt, but the heat from welding was high enough to change the microstructure. For many 
alloys, High Strength Low Alloy steels in particular, the HAZ is a region of high interest. 
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Figure 4 shows the results for a tensile test of welded NuCu-140, a ferritic high strength 
low alloy steel 12. This tensile test used Digital Image Correlation (DIC) which shows 
failure occurring in the HAZ. These HAZs have been studied a great deal in HSLA steels. 
This paper will focus on HSLA-100, which is precipitate strengthened to attain the 
maximum strength. Much of the experiments done on the HAZ are done by using a 
Gleeble® thermo-mechanical simulator, which simulates the thermal and mechanical 
cycle a certain zone of the weld may undergo. It has been shown that Gleeble-simulated 
samples of the HAZ in HSLA-100 closely agree in microstructure and properties with the 
actual HAZ of a real weld 13. Each HAZ is defined by the peak temperature it undergoes, 
which is given as a function of distance from the weld. The first zone of note is the 
unaffected base metal, which experiences a peak temperature too low to cause any 
microstructural changes during welding. This was discussed in detail in the previous 
section. The Sub Critical HAZ (SCHAZ) or the Tempered HAZ experiences peak 
temperature (Tp) below the Ac1 temperature. The Inter-Critical HAZ (ICHAZ) 
experiences a peak temperature above the Ac1 but below the Ac3 temperature. The Fine 
Grained HAZ (FGHAZ) experiences a peak temperature slightly above the Ac3 
temperature. The Coarse Grained HAZ (CGHAZ) experiences a peak much further above 
the Ac3, closest to the melting temperature. The peak temperatures of the FG and 
CGHAZ are above the Ac3 temperature, thus they experience complete re-austenization. 
Heat input variation may change the microstructure of the ICHAZ, FGHAZ, and CGHAZ 
differently, but the overall HAZ classifications remain the same. Figure 5 demonstrates 
where the HAZs are in comparison to the fusion zone of the weld 14.  
13 
 
1.1.5. Subcritical Heat Affected Zone 
The SCHAZ is of minor note to this study. In the Spanos et al study, the Ac1 and Ac3 
temperatures were found to be approximately 700°C and 840°C respectively. A peak 
temperature (Tp) of 675 
oC was considered, as no evidence of austenite transformation 
was found and the peak temperature was below the Ac1 
2.Due to the relatively low 
temperature and short duration of this thermal cycle, diffusion is slow. Thus, the only 
changes in the microstructure come from tempering of martensite and strain aging 
effects, such as precipitate coarsening. In HSLA-100, the final hardness of the SCHAZ 
comes from a balance between precipitate coarsening and tempering. The coarsening of 
the precipitates occurs preferentially along the grain boundaries and lath boundaries, 
where there are films of austenite. Since the peak temperature is low, higher speed 
diffusion pathways are more significant since solute moves faster along grain boundaries. 
Coarsening is also faster in the retained austenite regions due to a higher solubility of 
copper and other solutes in austenite compared to acicular ferrite. With copper 
precipitates, the crystal structure transforms into its lower energy state as the precipitates 
coarsen, which is FCC compared to the BCC of the fine copper precipitates, as stated 
above. Since the austenite and copper precipitate interface is then coherent, there is a 
smaller interfacial barrier to migration, speeding up the coarsening process. This 
coarsening is seen in Figure 6, which is a bright field TEM micrograph from the SCHAZ 
which shows coarsened precipitates between ferrite laths. The size of these precipitates 
along the grain boundary increases from the base metal range of 9-65 nm to the 
coarsened range of 10-380 nm. The average precipitate size also changes from 20 nm to 
65 nm for the base metal and SCHAZ respectively.   
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Tempering and precipitate coarsening are the only major effect on the microstructure 
within the SCHAZ. There is no ferrite/martensite to austenite transformation occurring, 
thus no increase in the volume fraction of fresh austenite. The retained austenite volume 
fraction stays consistent as well. The final microstructure is similar to the BM. For the 
Spanos et al study, the simulated weld thermal cycles were representative of heat inputs 
of 5°C/s and 60°C/s. The heat inputs described here is the cooling rate between 800 and 
500°C. For this study, the prior austenite grain size (PAGS) is about 12 μm for the BM. 
There is not a significant difference from using a high heat input compared to a low heat 
input, with less than a 1 μm change in the PAGS from the BM. 
1.1.6. Intercritical Heat Affected Zone 
 The ICHAZ experiences partial dissolution to austenite since it is exposed to a 
peak temperature between Ac1 and Ac3. Spanos et al utilized a peak temperature Tp=750 
°C to simulate the ICHAZ. Since austenite has a higher solubility limit of copper than 
either ferrite or martensite, the copper precipitates in austenite will begin to dissolve. The 
effect this has on the microstructure in the ICHAZ is not major, but the same effect 
occurs in the FGHAZ and CGHAZ in a more significant way. This effect is discussed 
more below Because of this, the ICHAZ shows a lower precipitate density for the 
retransformed austenite regions as seen in Figure 7. Upon cooling, the austenite 
transforms back to acicular ferrite or fresh martensite, depending on the cooling rate.  
Figure 8 shows LOM images of the ICHAZ at high and low heat input. High heat 
input causes the HAZ to cool slower compared to low heat input, resulting in an increase 
in acicular ferrite upon cooling from the austenite phase region. Due to the slow cooling 
rate, this section of the HAZ has grain refinement, decreasing the mean PAGS by 50% to 
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6μm. The hardness of this region is higher than the BM and the low heat input ICHAZ 
because of increased amounts of fresh martensite as compared to tempered martensite 
and acicular ferrite. However, this high hardness masks regions of lower copper 
precipitate density, which would normally have reduced hardness. The low heat input 
samples, which exhibited little reaustenization, showed very little change in the PAGS, 
increasing by 1-2 μm from the BM. The low heat input ICHAZ was similar to the 
SCHAZ.  
1.1.7. Fine Grain Heat Affected Zone 
 The FGHAZ experiences almost full re-austenization at Tp=900 °C, slightly above 
the Ac3 temperature. Due to a higher percentage of austenite, the copper precipitate 
density greatly decreases. However, the niobium-carbonitride precipitates are still stable 
at this temperature. For the simulated weld thermal cycles used by Spanos, the FGHAZ 
had fine grains on the order of 6 μm or less, due to austenite precipitation at lath 
boundaries, and niobium-carbonitride precipitates pinning these grain boundaries. 
Austenite nucleates on the laths of ferrite and martensite, or it grows from the preexisting 
retained austenite in the matrix. The carbonitride precipitates prevent these austenitic 
grains from coarsening. The carbonitride precipitates can be seen in a TEM micrograph 
in Figure 9. 
For a high heat input, the microstructure is over 60% ferrite. Since ferrite transforms 
at a higher temperature, equiaxed ferrite also begins to form. Equiaxed ferrite has lower 
toughness, as it grows in the form of packets of parallel plates instead of the chaotic 
radial growth of acicular ferrite. During deformation processes, cleavage cracks can 
potentially propagate easily between parallel plates, but are deflected by the change in 
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orientation in the chaotic ordering. However, equiaxed ferrite has a higher density of 
copper precipitates as it forms at a higher temperature than acicular ferrite. This is shown 
in TEM micrograph seen in Figure 10, where copper precipitates and retained austenite 
are visible. Copper precipitates dissolve faster in austenite, due to the increased solubility 
limit as compared to ferrite. Therefore, the longer the precipitates remain in the austenite 
phase field, the smaller the volume fraction and average radius of the precipitates will be. 
Since the equiaxed ferrite forms through a diffusion mechanism, more solute is rejected 
into the surrounding austenite, stabilizing it, and forming large pools of retained austenite 
at room temperature.  
The acicular ferrite contains carbonitride precipitates and coarse copper precipitates 
along the prior lath boundaries. Figure 11 shows coarse copper precipitates along the 
martensite lath boundaries. The source of these copper precipitates has not been 
identified. Spanos et al claims that these copper precipitates were all dissolved in the 
austenite, but then re-precipitate out in the ferrite due to the high transformation 
temperature and increased time for precipitation to occur. However, M. Shome et al 
claims that there was no re-precipitation13. They claim that the copper precipitates present 
in the ferrite were survivors of the re-austenization process. At higher cooling rates, 
copper precipitates can even be seen in the martensite. This discussion of whether the re-
precipitation of copper occurs in the HAZ will be discussed further in the next section.  
With a low heat input, the FGHAZ produces a majority lath martensite instead of 
acicular and equiaxed ferrite. Due to the fast cooling, only 10% of the austenite 
transforms above the Ms temperature into acicular ferrite. The copper precipitates at the 
lath boundaries are not dissolved.  
17 
 
1.1.8. Coarse Grain Heat Affected Zone 
The CGHAZ undergoes complete re-austenization and considerable grain growth 
since the peak temperature is well above the Ac3 temperature, near the melting 
temperature, for a significant amount of time. Spanos used a peak temperature of 
Tp=1400 °C. This zone, as its name suggests, has very coarse grains, with a PAGS of 
about 65 μm. This is about 5 to 6 times larger than in the BM prior austenite grains and 
12 times larger than in the FGHAZ or the high heat input ICHAZ. At this temperature, 
both the copper and niobium-carbonitride precipitates completely dissolve, eliminating 
the pinning effect restricting the grain growth as seen in the FGHAZ. Additionally, the 
peak temperature is much higher, increasing the driving force for grain growth. 
The low heat input martensite has a bimodal size distribution consisting of fine laths 
about 0.5 μm in width by 2 μm in length, and coarse plates of martensite about 2-4 μm in 
width by 65 μm in length. Due to a high transformation temperature, the coarse 
martensite is auto tempered, with cementite precipitates forming within the plate. This 
auto tempered phase usually appears in higher carbon steels, around 0.12 wt.%, and 
rarely appears in low carbon HSLA steels, 0.08 wt.%. However, it is known that 
precipitation of cementite in auto tempered martensite is enhanced in coarser martensitic 
structures. The relatively large grains in the CGHAZ could facilitate the formation of this 
auto tempered structure and could explain why it is appearing in a low carbon alloy. The 
micrographs can be seen in Figure 12.  
For the high heat input thermal cycle, the austenite decomposed to lath martensite 
and a small amount of acicular ferrite. No re-precipitation of copper or Niobium 
Carbonitride precipitates was found, as the formation temperature of acicular ferrite is too 
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low to promote precipitate growth. Compared to the low heat input, there is no auto 
tempered martensite. Acicular ferrite formation may influence the formation of auto 
tempered martensite by rejecting solute into the surrounding austenite, increasing the 
formation of coarse martensite. 
D. Influences on the Heat Affected Zone 
1.1.9. Influence of Heat Input 
 All areas of the HAZ have higher hardness than the BM, but the difference in 
microstructure between the high and low heat input thermal cycles produce different 
peaks in hardness. In the Spanos et al. paper, the heat input has been defined as the 
cooling rate between 800 oC and 500 oC. In their work, the low heat input was 
represented by a cooling rate of 60 oC/s, and the high heat input was represented by a 
cooling rate of 5 oC/s. The high heat input thermal cycle exhibits an increase in hardness 
from the FG to the CG HAZ because of a predominance in martensite, a complete lack of 
equiaxed ferrite, and a decrease in acicular ferrite. The microstructure produced from the 
low heat input thermal cycle exhibits a decrease from FG to the CG HAZ because of an 
auto-tempering of martensite, a lack of fine precipitates, and an increase in grain size. But 
for both cases, the final hardness of the microstructure is very similar. The hardness 
difference in the FGHAZ between the high heat input and the low heat input is 
significant. The difference is due to the higher austenite transformation for the high heat 
input (580 °C) versus low heat input (480 °C). The low heat input also spends less time in 
the ferrite transformation region before reaching the Ms temperature. The hardness and 
prior austenite grain size for high heat input and low heat input have been plotted in 
Figures 13 and 14 respectively. 
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1.1.10. Influence of Prior Synthesis 
These microstructures are not accurately predicted with conventional CCT 
diagrams available for the base metal for several reasons. For example, the CCT diagram 
for the base metal does not account for the variation in the precipitate distributions to 
impede austenite grain growth and increase the amount of acicular ferrite nucleation. 
Prior austenite grain size is a good indicator of the toughness and hardness of the final 
microstructure. This is because ferrite nucleates primarily in the austenite grain 
boundaries. Thus, for larger grains, the transformation products will generally be mostly 
martensite with some acicular ferrite, which nucleates intragranularly. Larger grains 
generally have higher hardenability as ferrite nucleation is more difficult since it 
nucleates on the grain boundaries.  
When the peak temperature of the thermal cycle is above 1230 oC, there is 
dissolution of niobium carbonitride precipitates as they are no longer stable 13. At lower 
temperatures, the grain size is restricted due to these precipitates, as well as the drag 
effect the solute elements have on the austenite grain boundaries. This drag effect is 
limited however, due to the low quantity of alloying elements as shown in the name 
HSLA, high strength low alloy. In regions where the carbonitride precipitates are 
dissolved, the only grain growth inhibitor is the drag effect. At higher temperatures, the 
solute drag effect is not significant to retard the growth of the austenite grains. Since the 
austenite grains coarsen, they delay the acicular ferrite transformation and lower the 
transformation start temperature significantly, resulting in a majority martensite. The 
general trend shows that transformation temperature of the austenite decreases with 
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increasing peak temperature. Additionally, the martensite start temperature is driven 
down with increasing peak temperature 2. 
For the HSLA-100 that is the primary focus of this review, the copper precipitates 
do not coarsen except in the SCHAZ. Other phases, such as cementite, may coarsen along 
the lath boundaries. These coarse phases were also observed in the base plate as noted 
above. 
1.1.11. Effect of Cu Content on the Microstructure and Toughness in the CGHAZ 
 In a study done by G. Huang et al, they found that copper content had a 
significant influence on the toughness and the microstructure in the CGHAZ15. The alloy 
used for this study was a HSLA steel with ~0.06 wt.% C. Three different steels were used 
with a Cu wt.% of 0, 0.45, and 1.01. The microstructure and toughness were found for all 
three alloys. Since this alloy had no Ni or Cr content, there was no austenite phase 
stabilization, so the CGHAZ microstructure was mainly Acicular Ferrite and Bainite. It 
was found that for increasing copper content, the PAGS and the area fraction of acicular 
ferrite also increased (Figure 15). As discussed above, as the PAGS increases, acicular 
ferrite nucleation becomes more prevalent. However, the PAGS only increased by about 
10 μm, while the area fraction of acicular ferrite increased from 8% to 38% and 48%. 
This significant change in area fraction is also due to changes in the inclusion chemistry.  
In this paper, the nucleation of acicular ferrite was simulated by several factors. 
Firstly, solute depletion near non-metallic inclusions is the dominant mechanism for the 
nucleation of acicular ferrite. As solute content lowers locally, the driving energy for 
nucleation and the transformation temperature of the austenite on cooling increases. 
Secondly, reduced interfacial energy between austenite and ferrite promotes ferrite 
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nucleation. Thirdly, the thermal strain energy due to the differential thermal contraction 
can influence acicular ferrite formation. Lastly, the inclusion must have an inert surface 
for nucleation to occur. In this paper, the third and fourth provision did not change for the 
three samples so they will not be discussed here. For the 0 wt.% Cu sample, it was found 
that the intragranular inclusions had a shell of MnS, found with SEM EDS maps (Figure 
16). This surface layer provided a Mn depletion region, increasing acicular ferrite 
nucleation. The 0.45 and 1.01 wt.% Cu samples, which had much greater acicular ferrite 
content, were found with EDS maps to have both MnS and CuS shells on the 
intragranular inclusions (Figure 17). This meant a local Mn and Cu depletion region, 
greatly increasing the phase transformation temperature. The lattice constant of CuS has a 
lower lattice mismatch with ferrite (~3%) compared to MnS (~9%). This lower mismatch 
reduces the interfacial energy, promoting acicular ferrite formation. Thus, the inclusions 
with MnS and CuS shells are the most effective nucleation sites for acicular ferrite. 
The impact toughness at -20 °C increased from the 0 wt.% to 0.45 wt.% Cu as 
acicular ferrite area fraction increased (Figure 18). Acicular Ferrite is a desirable 
microstructure in the CGHAZ as it contributes to higher toughness. Generally, cracks are 
less mobile when propagating through acicular ferrite because one grain can contain a 
high density of fine-grained acicular ferrite. Thus, the low temperature impact toughness 
increases from 75 to 300 J due to a large increase in acicular ferrite content. However, the 
1.01 wt.% Cu sample has a toughness of about 50 J, below the 0 wt.% Cu sample. This is 
due to an increase in the volume % and size of M–A constituents, a brittle phase. Cu can 
stabilize austenite and lower the transformation temperature down to martensite 
formation. Though there is a slight increase in acicular ferrite content, the brittle aspect of 
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the M–A constituent phase overwhelms this high toughness phase. The formation of M–
A constituents and its influence on toughness is covered in more detail in the section 
below, entitled: Changes in Microstructure and Properties after Multipass Welding on 
High Strength Low Alloy Steels. 
E. Copper Re-Precipitation in High Strength Low Alloy Steels 
NUCu-140 and BlastAlloy 160 are both high strength low alloy steels that have 
been developed for potential use to replace HSLA-100 in naval and structural 
applications due to their high weldability, strength, and low temperature toughness. In all 
three cases, they are strengthened by copper-rich precipitates. However, when these 
alloys are exposed to welding thermal cycles, significant changes in toughness and 
strength may develop.  Due to the instability of copper precipices in the austenite phase 
field, there is usually significant precipitate dissolution in the HAZ of these alloys. This 
precipitate dissolution can cause differences in hardness, which causes strain localization. 
Softening can occur in the HAZ as mentioned above for the DIC experiment using 
NUCu12. In that image, the softened HAZ shows high local strain. Local Electrode Atom 
Probe (LEAP) tomography was used to demonstrate that there was a partial dissolution of 
copper precipitates in this region, decreasing the volume fraction significantly. Figure 19 
shows the LEAP profiles for the BM, the different regions of the HAZ, and the FZ. These 
results show the strength dependence these high strength low alloy steels have on their 
precipitates. In many of these applications, they are unable to undergo PWHT to regain 
their strength due to their size or the possibility of over aging the BM. Therefore, it is 
crucial to experiment with replacements for a PWHT. One possible method is multipass 
welding as a method for local re-precipitation of carbides and copper-rich phases.  
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1.1.12. NUCu-140 
 Multipass welding can be compared to isothermal heat treatments as a possible 
way to induce re-precipitation. NUCu-140, a ferritic high strength low alloy steel was 
shown to have re-precipitation of copper in the HAZ with an isothermal post weld heat 
treatment at 500 oC 16. The microstructure near the fusion line is predominantly acicular 
ferrite, while the microstructure further away from the fusion line, into the base metal is 
ferrite. The microstructure does not show significant amounts of martensite. The lack of 
martensite is due to a lower hardenability due to a low C content and an absence of Cr 
and Mo. This ferritic microstructure is not as susceptible to hydrogen cracking as a 
martensitic microstructure. Figure 20 shows the hardness as a function of distance from 
the weld. The change in hardness from HAZ 1 to 2 cannot be accounted for by changes in 
the matrix microstructure, as HAZ 2 has a finer grain size than HAZ 1. Rather, the 
changes in hardness comes from a change in number density and average radius of the 
precipitates. Figure 21 shows APT reconstructions demonstrating how copper precipitates 
are dissolved in the matrix in the HAZ and the FZ, and re-precipitate out in the samples 
that were given a PWHT of 500 oC for 10 hours 17. However, for this alloy, a PWHT may 
be satisfactory as the unaffected BM was not found to experience an “over aging” effect. 
This is due to Ni-Al shells forming around the Cu precipitates, which act as diffusion 
barriers by restricting Cu diffusion in the intermetallic region and lowering the interfacial 
energy with respect to the ferritic matrix. In the FZ and HAZ, the PWHT nucleated a 
high-volume fraction of the copper precipitates, but the diffusion barrier prevented them 
from dissolving back into the matrix or coarsening. For the existing copper precipitates in 
the BM, the diffusion barrier kept precipitate coarsening to a minimum. However, it was 
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not shown that multipass welding can achieve a significant increase in hardness 
associated with re-precipitation in the CGHAZ. This is because the duration of the 
secondary thermal cycles is not long enough to cause significant re-precipitation. 
Simulations suggest that small precipitates may have formed, but they are too small and 
not of high enough volume fraction to increase the hardness of these regions.  
1.1.13. BlastAlloy 160 
 BlastAlloy 160 (BA 160) is a copper precipitate strengthened, high strength low 
alloy steel that is being considered for naval hull and deck applications 6. The BM 
microstructure is predominantly bainite and martensitic. Toughness was achieved through 
precipitates of a Ni stabilized retained austenite phase. These precipitates undergo the 
TRIP mechanism, as described above, to increase the toughness. When exposed to 
welding thermal cycles, the HAZ of BA 160 undergoes softening, especially in the re-
austenized regions such as the FGHAZ and CGHAZ. This is in part due to dissolution of 
Cu precipitates and M2C carbides. Figure 22 shows hardness as a function of peak 
temperature with the BM hardness and the HAZs noted. Generally, the HAZ is softer 
than the BM, except for a hardness peak in the ICHAZ, a peak temperature of 750 oC due 
to formation of fine packets of fresh martensite in the partially re-austenized regions. 
Figure 23 shows the dilatometry results of the peak temperatures, demonstrating that at 
peak temperatures 800oC and above experience re-austenization, which dissolves most 
Cu precipitates and that martensite start temperature is below 350 oC and below due to 
the lower carbon content.  Strength recovery from re-precipitation was shown in the 
Fusion Zone and HAZ after a PWHT at 550 oC for 30 minutes. Thus, it is possible for re-
precipitation to occur in the metal.  
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Multipass welding was tested as a replacement for this PWHT. The CGHAZ was 
shown to have a hardness of 340 HV, much lower than the 402 HV of the BM. When the 
CGHAZ was exposed to a secondary thermal cycle with a peak at 650, the hardness 
increased to 405 HV. The initial decrease in hardness was shown through a LEAP 
tomographic reconstruction to be due to dissolution of copper precipitates and carbides. 
The subsequent increase in hardness after the secondary thermal cycle was due to copper 
re-precipitation. Figure 24 shows the LEAP tomographic reconstructions for the high and 
low heat input CGHAZ thermal cycles as well as the secondary cycles. The LEAP results 
show completely dissolved copper precipitates in the high and low heat input CGHAZ. 
After the secondary thermal cycle with a peak temperature of 650 oC, there is copper re-
precipitation.  
1.1.14. HSLA-100 
HSLA-100, the focus of this literature review, is also copper precipitate 
strengthened. In a study by T. W. Park et al, samples of this alloy were quenched and 
aged at 650 oC until it had an impact toughness of 250 J and a yield strength of about 750 
MPa 8. It must be noted that for this experiment, impact energy was maximized at the 
expense of yield strength, which reaches a minimum8. The reason for these changes in 
mechanical properties is due to coarsening of the copper precipitates. Figure 25 shows 
two TEM micrographs, which show many fine copper precipitates at an aging 
temperature of 500 oC and coarse precipitates at the 650 oC aging temperature. Strength 
and toughness variations that occur with aging temperature were discussed more in depth 
in the Microstructure and Properties of the Base Metal Section. Samples of this alloy 
were exposed to a CGHAZ type thermal cycle, which is known to cause complete 
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dissolution of the copper precipitates. Precipitation was demonstrated in the samples by 
using differential scanning calorimetry (DSC) experiments. If there was precipitation, 
more heat flow would be needed at those temperatures to start the transformation, which 
would cause a deviation from the normal. The DSC curves, which show the difference in 
heat flow with temperature, is shown in Figure 26. A quenched sample with no aging 
treatment showed peaks at 300 and 550 oC which indicated copper precipitation. 
However, after the quenched sample was aged, there was no deviation from the normal, 
indication that no phase transformation had occurred.  
In the CGHAZ, where most copper precipitates are known to dissolve, 
precipitation occurred during these dilatometry experiments, demonstrating that they 
were not there to begin with2. The base metal went through consecutive thermal cycles 
with peak temperatures of 1300, 800, and 500 oC, representing the single, double, and 
triple thermal cycles. For each condition (single, double, and triple) the copper precipitate 
change was studied. The triple thermal cycle was found to have no copper precipitates in 
the microstructure. This indicates that three consecutive welds of decreasing peak 
temperature did not cause any re-precipitation to occur. Impact toughness for the BM, 
single, double, and triple thermal cycles and consecutive PWHTs at 650 oC is shown in 
Figure 27. For the double and triple thermal cycles, the PWHT brings the impact 
toughness close to the BM level. The double cycle has higher toughness than both the 
single cycle and the single cycle + PWHT. The triple cycle decreases below the double 
cycle. Both the single and double cycle were not analyzed to determine if there were any 
copper precipitates, but copper dissolution in the CGHAZ is well documented. The 
reason for the increase in impact toughness for the double cycle was not determined.   
27 
 
The reason this study chose the peak temperatures of the double and triple thermal 
cycle was not given. Although copper precipitates may be stable at 800 oC, usually 
documented to be in the ICHAZ, the driving force for precipitation is low because the 
matrix is in the two-phase region where austenite and ferrite are both stable. Thus, 
precipitates may dissolve or grow at this temperature, depending on whether the matrix 
transformed to austenite. The only thermal cycle that would not cause precipitate 
dissolution would be the third thermal cycle, with a peak temperature at 500 oC. It has 
been established that small changes in temperature have large effects on precipitation 
kinetics. Thus, the third thermal cycle may have too low of a temperature for 
precipitation to occur. This is supported by the PWHT properties. For example, the 
PWHT temperatures show a difference in impact energy of 125 J over a 50 degree 
difference, from 600 to 650 oC. Though thermal cycles are non-isothermal while PWHT 
are isothermal, the change in microstructure through the HAZ supports the temperature 
sensitivity of these peak temperatures. These results suggest that if the third thermal cycle 
had a peak temperature at 650 oC instead of 500 oC, it is possible that the precipitation 
kinetics would be different. A proper characterization of multi-pass welds in of HSLA-
100 has not yet been done. 
1.1.15. Comparison of NUCu-140, BA 160, and HSLA-100 
 Looking at the results from the NUCu and BA 160 papers, it is apparent that 
copper precipitation is influenced by several variables. Both alloys are copper and 
carbide precipitate strengthened high strength low alloy steels, with some retained 
austenite as a toughening agent through the TRIP effect. BA 160 shows re-precipitation 
in the CGHAZ after only 30 min of PWHT at 550 oC, compared to 10 hours for NUCu. 
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BA 160 also shows re-precipitation after only one thermal cycle. Much of the 
precipitation driving force comes from this alloy’s higher copper content. One major 
difference between the two alloys is that NUCu is a ferritic steel with 1.35 wt.% copper 18 
and BA 160 is a martensitic steel with 3.39 wt%6 copper. The martensitic structure of 
BA-160 could also contribute to a greater precipitation rate. Though both martensite and 
acicular ferrite come from diffusionless transformations, the acicular ferrite transforms at 
a high enough temperature for diffusion still to occur, rejecting solute to its boundaries. 
In comparison, lath martensite is still supersaturated with solute.  Most scholarly articles 
focus on the low transformation temperature of acicular ferrite and martensite, limiting 
the potential for copper re-precipitation on cooling. However, if these transformation 
products are exposed to a secondary thermal cycle whose peak temperature is below Ac3, 
where transformation into austenite would occur, it is possible that the thermal energy or 
kinetic strength would provide the driving force for copper nucleation 19. From a 
thermodynamic standpoint, precipitation in martensite and ferrite is nearly identical due 
to their similar microstructure5. 
HSLA-100 is very similar to NuCu-140, but higher Chromium and Molybdenum 
contents leads to increased hardenability. Since HSLA-100 is a ferritic and martensitic 
steel, there is a general increase in HAZ hardness compared to the base metal, with a 
peak occurring in the FGHAZ or CGHAZ depending on heat input. This is not the case 
with NUCu or BA 160 as stated above. 
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F. Effect of Multipass Welding on High Strength Low Alloy Steels 
1.1.16. Local Brittle Zones and M–A Constituents in Multipass Welds 
Multipass welding is more complicated than simple single pass welds because the 
microstructure that goes through subsequent thermal cycles may no longer be the 
unaffected BM. For example, in single pass welding, the HAZ can be broken into four 
distinct regions, depending on the peak temperature. For multipass welds, the 
microstructure depends not only on the peak temperature of the secondary thermal cycle, 
but also the peak temperature of all previous thermal cycles. For the CGHAZ in 
particular, the secondary thermal cycles can be categorized as follows: a sub critically 
reheated coarse-grained zone (SRCG HAZ) reheated below the Ac1 temperature, an 
intercritically reheated coarse grained zone (ICRCG HAZ) reheated between the Ac1 and 
Ac3 temperature, the super critically reheated coarse grained zone (SCRCG HAZ) 
reheated above the Ac3 and below 1200 
oC, and the unaltered coarse grained zone 
(UACG HAZ) which is either not reheated or reheated above 1200 oC 20. Many studies 
have investigated the ICRCG HAZ in HSLA steels in particular, as these thermal cycles 
usually lead to lower toughness due to formation of M–A constituents15 21 22 23. This is 
discussed further below. Though not a focus of this literature review, it is recommended 
that the UACG HAZ be reassigned a different name, as the properties have been shown 
to be different than the single pass CGHAZ. In order to provide a format that is easily 
variable, it is recommended that the naming convention be changed to 2CG HAZ. This 
naming strategy eliminates any confusion, and treats the current UACG HAZ differently 
from the CGHAZ. Also, if further multipass experiments should be conducted in the 
future, the name can be changed to increase the number of thermal cycles or even the 
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type. For example, the 3FG HAZ is a sample that has gone through three subsequent 
FGHAZ thermal cycles.  
Samples of a HSLA steel, BS 4360 grade 50D, were welded according to 
multipass submerged arc welding (SAW) procedures20. This alloy is not strengthened by 
copper precipitates, and there is very little retained austenite. However, it is a good 
example of the negative effect multipass welds can have on the microstructure. Figure 28 
plots impact toughness as a function of the secondary peak temperature. There is a 
significant drop in impact toughness down to 35 J or so in the ICRCG and the reheated 
UACG. The reheated UACG HAZ and the ICRCG HAZ were both found to contain 
“martensite islands” which significantly lowered the toughness of the CGHAZ, which 
was found to have the lower toughness than the BM. The corresponding drop in hardness 
is due to voids forming on the martensite/ferrite interface which coalesce into cracks that 
then propagate through the martensite. This ductile fracture mechanism is shown in 
Figure 29. For this HSLA steel, multipass welds significantly decreased the toughness. 
For this reason, these HAZ are called Local Brittle Zones (LBZ). 
The CGHAZ, UACGHAZ, and ICRCG HAZ have been studied as potential 
failure sites because they have low toughness. These “martensite islands” that form the 
LBZ are also known as martensite-austenite constituents (M–A constituents). Lambert et 
al studied M-A constituents in a ferrite-pearlite HSLA steel with low C and Ni and no 
Cu24. During the intercritical reheating, austenite nucleated and grew from carbides and 
M–A particles at prior austenite grain boundaries. Impact tests and metallographic study 
were done on the BM; the CGHAZ at a low heat input, CR= 120°C/s; the CGHAZ at a 
high heat input, CR= 25°C/s; and the intercritically reheated high heat input CGHAZ 
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with a peak temperature of 775 (ICR 1) and 745 °C (ICR 2). The impact toughness can 
be seen in Figure 30. For this alloy, the high heat input and the ICRCG HAZ both have 
poor low temperature toughness that drops below the standard 70 J below room 
temperature. Upon analysis of the fracture surface, it was determined that M–A 
constituents were the origin of cleavage cracks (Figure 31). Metallographic investigations 
using LOM and electron microscopy found that retained austenite and the M–A 
constituents were located on Prior Austenite Grain (PAG) boundaries. The M–A 
constituents were analyzed with a SEM, and it was found that austenite was distributed at 
the periphery of the phase, while martensite was located at the center (Figure 32). The 
martensite was found be highly twinned, similar to high strength, high C martensite. This 
was confirmed by TEM micrographs demonstrating the double diffraction caused by the 
twinned structure in Figure 33. The retained austenite island was also found to transform 
to highly twinned martensite when cooled down to liquid nitrogen temperatures. Thus, 
the austenite that formed at the PAG boundaries had higher solute content and thus higher 
hardenability. The martensite that forms is very similar to high C martensite, increasing 
its strength and decreasing the impact toughness. 
Zhixiong Zhu et al investigated how changing the intercritical reheat temperature 
in the ICRCG HAZ affects the microstructure and properties of HSLA X70 steel, a 
bainitic steel strengthened by Ti carbides and carbonitrides 23. This alloy potentially has 
some copper precipitates with 0.15 wt.% Cu. The carbon content is low, at 0.05 wt.% C. 
The Ac1 and Ac3 temperatures at heating rates 100-150 °C/s were found using 
dilatometry and were approximately 800 and 890°C respectively. Three different 
intercritical temperatures were chosen at 813, 838, and 868 °C. The heating rate for the 
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second pass at the intercritical temperature was 200 °C/s, faster than the dilatometry 
experiments. The cooling rate was Δt8/5=38.5 °C/s for all samples, thus the heat input was 
the same. Impact toughness was found to be lower at lower intercritical temperatures, and 
increasing with the secondary peak temperature (Figure 34). However, the ICRCG HAZ 
toughness cannot raise back up to the CGHAZ toughness level as there still exists large 
M–A particles even at the high intercritical reheat temperature 868°C. Large M–A 
particles were found to have a more deleterious effect than small particles. However, the 
low temperature intercritical reheat temperature 813 °C shows a large volume fraction of 
small precipitates along the PAG boundary, arranged as if in a necklace. The high-
volume percentage and the location leads to the largest decrease in reheat toughness, as 
grain boundary embrittlement is possible. 
These results were also seen in another HSLA steel, X100, in a study by Xueda Li 
et al. The toughness of the ICRCG HAZ was analyzed with changing intercritical 
temperature. The Ac1 and Ac3 temperatures were found to be 750 and 852 °C with 
dilatometry. Three different secondary pass temperatures were used: 760 °C (near the 
Ac1), 800 °C, and 840 °C (near the Ac3). Similar to the Zhixiong Zhu et al study, there 
was a similar increase in toughness with increasing intercritical reheat temperature. The 
average charpy impact energy at -20 °C increased from 42 J at 760 °C, to 80 J at 800 °C, 
to 105 J at 840 °C (Figure 35). This increase in toughness is due to M–A constituent 
placement and structure. For the 760 °C sample, small M–A particles lined up around 
PAG boundaries. These necklaced particles, though small, facilitated a reduction in 
toughness. The 840 °C sample in comparison showed coarse M–A constituents and 
reverted interlath structure, but the particles were separated enough that they didn’t 
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significantly decrease the toughness (Figure 36). Thus, higher ICRCG HAZ secondary 
pass temperatures have been shown for multiple HSLA steels to have a higher toughness. 
1.1.17. Increased Toughness in the ICRCG HAZ 
Though the ICRCG HAZ normally exhibits low toughness, Jun Hu et al found 
that a HSLA steel strengthened by Vanadium Carbonitride precipitates shows slightly 
higher toughness than the original CGHAZ or a secondary pass CGHAZ 25. For this 
alloy, the Ac1 and Ac3 temperatures were 654°C and 850°C respectively. The SRCG, 
ICRCG, SCRCG, and the UACG and CG HAZ were 600°C, 800°C, 1000°C, and 1300°C 
respectively. An interpass temperature of 175°C was held between weld passes. In most 
HSLA alloys, the intercritical reheating thermal cycle would cause austenite to 
preferentially nucleate along the PAG boundaries and in between the lath boundaries. In 
these cases, the austenite between the lath boundaries is retained. The austenite at the 
PAG boundary would then transform into a low toughness M–A constituent phase, as it is 
usually enriched in carbon because of the high diffusivity of carbon and the high 
solubility of austenite. This small necklace type of M–A constituent leads to grain 
boundary embrittlement. Large phases of M–A constituent, like as discussed above, are 
not discussed in this paper. For this alloy however, V(C,N) phases precipitate at the grain 
boundary. Carbon is preferentially absorbed by these V(C,N) precipitates, reducing the 
carbon content of the austenite. Thus, instead of forming the brittle high C twinned 
martensite, the austenite transforms into fine ferrite. LOM and EBSD maps showing 
grain boundary misorientation for the CG, ICRCG, and SCRCG HAZs can be seen in 
Figure 37. For the EBSD maps, red is 5-15° misorientation and black is >15°. A SEM 
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micrograph along the PAGB showed that fine ferrite was along the PAG boundary. This 
fine ferrite also contained V(C,N), confirmed with x-ray chemical analysis (Figure 38). 
G. Summary and Objectives 
It has been discussed that HSLA-100 has high ballistic resistance, strength, and 
toughness due to precipitate strengthening and microstructural control. Single weld 
passes still maintain high hardness, indicating high strength. Impact toughness tests have 
shown regions of low toughness in the CGHAZ. A PWHT may restore the precipitates in 
the HAZ and Fusion Zone while tempering the freshly formed martensite.  
Issues with multipass welds and weld repairs were also discussed. Similar structural 
low alloy steels show a local brittle zone (LBZ) phenomenon in the reheated CGHAZ. 
However, it was also shown that careful control of the composition will reduce the 
likelihood that brittle phases will form, increasing the toughness of the reheated CGHAZ 
sections. 
The overall objective for this research is to understand the effect multiple weld 
thermal cycles have on the strength and toughness of the final material, and the 
microstructural evolution from these thermal cycles. It is also important to establish if 
there is LBZ behavior, as this will mean that multipass welding will be limited.  
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Figure 0-1-Typical One-Peak Age Hardening Curve 
 
Figure 0-2- Variation in Yield strength and Charpy Impact Energy with aging temperature in HSLA-
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Figure 0-3- Labeled cross section of a weld 
 
Figure 0-4- a) Start of tensile test with DIC. b) End of tensile test showing strain localization in the 
HAZ with DIC. c) Postfracture image of sample showing failure in the HAZ. d) Stress-strain curves 
generated through the extensometer and DIC. 
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Figure 0-5- Labeled HAZ in comparison to the Fusion Zone. HAZ are as follows: 1) Subcritical, 2) 
Intercritical, 3)Fine-grained, 4)Coarse-grained heat affected zone 
 
Figure 0-6- Bright Field TEM micrograph of acicular ferrite in HSLA 100 after going through a 
thermal cycle with a peak temperature of 675 oC. Arrows point out coarsened precipitates. 
Base 
Metal 
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Figure 0-7- TEM Micrograph of lath martensite containing a low precipitate density. Peak 
temperature is 750 oC, high heat input. 
 
Figure 0-8- LOM images after thermal cycle with peak temperature of 750 oC at a a) high heat input 
and b) low heat input. 
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Figure 0-9- TEM micrographs after a thermal cycle with a peak temperature of 900 oC. Niobium-
Carbonitride precipitates are visible in the martensite laths in the a)bright field micrograph and b)dark field 
micrograph taken from a (222) niobium-carbonitride reflection. 
 
Figure 0-10- TEM micrographs after a thermal cycle with a peak temperature of 900 oC. Precipitates 
and retained austenite (RA) are visible in the a) bright field and b) dark field micrographs. 
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Figure 0-11- TEM micrographs after thermal cycle with peak temperature of 900oC at a high heat 
input. Precipitates are visible along prior lath boundaries in the a) bright field and b) dark field 
micrographs. 
 
Figure 0-12- LOM images after thermal cycle with peak temperature at 1400 oC at a) high heat and b) 
low heat input. 
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Figure 0-13- Variation in hardness with thermal cycle peak temperatures for high (5 oC/s) and low (60 
oC/s) heat inputs. 
Figure 0-14- Variation in grain size with thermal cycle peak temperatures for high (5 oC/s) and low (60 
oC/s) heat inputs. 
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Figure 0-15- Changing Grain size and Area fraction of Acicular Ferrite with Copper Content 
 
Figure 0-16- SEM micrograph (a) and corresponding EDS mapping (b-f) of inclusion in Cu-free 
HSLA steel 
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Figure 0-17- SEM micrograph (a) and corresponding EDS mapping (b-f) of inclusion in 0.45wt% Cu 
HSLA steel 
 
Figure 0-18- The effect of copper content on Impact Toughness with the simulated heat input of 100 
kJ/cm 
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Figure 0-19- LEAP reconstructions from the a) Base Metal, b) HAZ 1, c) HAZ 2 and, d) Fusion Zone. 
Iron atoms are blue dots, Cu precipites are delineated by red surfaces. 
 
Figure 0-20- Microhardness trace on NUCu-140 GTAW. 
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Figure 0-21- APT reconstructions of samples that represent a) BM, b)FZ, c)HAZ, as well as 500 oC 10  
hour age of the d)FZ and e)HAZ 
 
Figure 0-22- Hardness as function of peak temperature for BA 160. 
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Figure 0-23- Dilatometry data for the simulated HAZs of BA 160 showing a) volume fraction of 
austenite as a function of temperature during heating, b) corresponding transformation strains as a function 
of temperature, c) volume fraction of martensite as a function of temperature during cooling, and d) 
corresponding transformation strains as a function of temperature 
 
Figure 0-24- LEAP tomographic reconstruction displaying Cu atoms for a)CGHAZ with high heat 
input b)CGHAZ + 650 oC peak temperature with high heat input, c)CGHAZ with low heat input, and 
d)CGHAZ+ 650 oC thermal cycle with low heat input 
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Figure 0-25- TEM micrographs for as quenched HSLA-100 aged at a) 500 oC and b) 650 oC 
 
Figure 0-26-DSC curves as a function of temperature for HSLA-100. Peaks are indicative of copper 
precipitation. 
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Figure 0-27- Charpy impact energy change with thermal cycle for HSLA-100. 
 
Figure 0-28- Charpy impact energy as a function of secondary thermal cycle. 
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Figure 0-29- Ductile fracture mechanism for grade 50D HSLA steel. 
 
Figure 0-30- Impact Toughness versus testing temperature for a HSLA ferritic-pearlitic steel 
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Figure 0-31- Etched Fracture surface showing facet with M–A island as Origin of cleavage crack 
 
Figure 0-32- Typical Mixed M–A island observed after Villela etching 
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Figure 0-33- a Dark Field TEM of high C twinned martensite island; b Corresponding twinned 
diffraction pattern indexed. Zone Axis is [01̅2] for martensite variant pattern. 
 
Figure 0-34- Charpy Impact Energy of simulated HAZ, tested at -20°C 
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Figure 0-35- Charpy Impact Absorbed Energy of X100 tested at -20 °C 
 
Figure 0-36- LOM of thermal simulated samples (a)-(c) and M–A constituents revealed by Lepera 
etchant (d)-(f) 
56 
 
 
Figure 0-37- LOM and EDSD maps showing grain boundary misorientation distribution. (a) and (b): 
LOM and EBSD map of the CGHAZ with interpass temperature 150 °C. (c) and (d): LOM and EBSD map 
of the ICRCG HAZ. (e) and (f): LOM and EBSD of the SCRCG HAZ. 
 
 
Figure 0-38- (a) SEM micrograph and (b) precipitate morphology and chemical composition  for the 
ICRCG HAZ specimen. 
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Effect of Multiple Weld Thermal Cycles on 
the Microstructure and Mechanical 
Properties of HSLA-100 Steel 
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A. Introduction 
Modern high strength low alloy (HSLA) structural steels are used in the construction 
of buildings, bridges, pipelines and ships and require high strength and toughness along 
with good weldability. HSLA-100 obtains high strength through fine precipitates 
(niobium carbonitrides and copper), high toughness through microsctructural features like 
fine acicular ferrite, and good resistance to hydrogen cracking by having low carbon 
levels (less than about 0.08 weight pct). The microstructure and properties of the heat 
affected zone (HAZ) of HSLA 100 and other HSLA steels has  been explored 1–6.  During 
the heating stage of the weld thermal cycle, the HAZ may transform the matrix phase into 
austenite and coarsen or dissolve strengthening precipitates. The austenite will then 
retransform to martensite, bainite, or ferrite, depending on the cooling rate.  
Many welding processes used for fabrication and repair of HSLA steels require 
multiple weld passes associated with relatively large section thicknesses.  In this case, the 
HAZ undergoes a wide range of peak temperatures during each successive weld thermal 
cycle. In this case, the “starting microstructure” will no longer be that of the unaffected 
base metal but can be a pre- HAZ region that subsequently experiences a completely new 
set of thermal conditions. Weld repairs will expose a section of the HAZ to many 
successive thermal cycles within the same region. The potential effect of these multiple 
thermal cycles and cumulative plastic strain from residual stress, which can accelerate 
precipitation kinetics7–12, has yet to be addressed in HSLA-100. Thus, it is currently not 
known if an upper limit exists to the number of weld repairs that can be made while 
maintaining adequate properties for the intended service. Studies on other low alloy steels 
have shown the presence of a local brittle zone (LBZ) in reheated sections of the HAZ, 
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which may locally decrease the toughness of that region13–20.  Considering that HSLA 
steels rely on a complex heat treatment, copper precipitation strengthening, and tempered 
low carbon martensite to achieve the desired strength and toughness, it is essential to 
develop a fundamental understanding of how the HAZ strength and toughness change 
with different thermal cycle combinations. This study analyzes the hardness of multipass 
autogenous welds along with the hardness and toughness of simulated HAZ samples in 
HSLA-100. The results of this work provide insight into the microstructural evolution 
and concomitant mechanical properties during multi-pass welding of this steel and 
demonstrate that multiple weld thermal cycles do not have a significantly detrimental 
effect on mechanical properties.  
B. Experimental Procedure 
A thick section of HSLA-100 was formed at 1165°C for 180 minutes and then given 
two separate austenization treatments at 930 and 891°C for 228 minutes each. The alloy 
was quenched and then aged at 602 °C for 200 minutes followed by an additional age at 
630°C for 240 minutes to achieve the desired mechanical properties. The chemical 
composition of the HSLA 100 was determined by using the spark optical emission 
spectroscopy (spark-OES) method, shown in Table 2.1. 
 Autogenous gas tungsten arc welding (GTAW) passes were made on HSLA 100 
weld plates at heat inputs of (980 J/mm) and (1,730 J/mm), which covered the typical 
range for the application of interest. Multipass weld samples, where an autogenous weld 
pass was made directly on top of the previous weld pass, were prepared for each heat 
input. This process was repeated up to ten passes. Vickers Microhardness maps with a 
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100-gram load and dwell time of 5 seconds were performed on sections of the weld that 
included of the base metal, HAZ, and fusion zone for each weld pass at each heat input. 
 Dilatometry data for HSLA-100 was collected, and it was found that at 300°C/sec 
(a typical heating rate for welding) the Ac1 temperature was 740°C and the Ac3 
temperature was 840°C. Thermal cycles that were used for the HAZ simulations were 
calculated by Sandia’s SmartWeld (SOAR) program under three dimensional heat flow 
conditions (typical for thick plates) using  a  heat input of 1730 J/mm21–23. A Gleeble 
3500 thermo-mechanical simulator was used to perform the HAZ simulations. Five peak 
temperatures of 675°C, 750°C, 810°C, 900°C, and 1300°C were used to represent the 
sub-critical HAZ (SCHAZ), inter-critical HAZ (ICHAZ), high inter-critical HAZ 
(HICHAZ), fine-grain HAZ (FGHAZ), and coarse-grain HAZ (CGHAZ), respectively. 
The two intercritical temperatures were chosen to be at the low temperature (750 °C) and 
high temperature (810 °C) of the intercritical region. Single pass HAZ samples were 
made as well as multipass samples, which exposed a sample to back-to-back identical 
thermal cycles. The CGHAZ samples that were exposed to a single thermal cycle were 
also exposed to subsequent thermal cycles with different peak temperatures. The 
influence of a pre-strain on the HAZ properties was also considered. This was done to 
investigate the influence of strain that can occur in the HAZ due to residual stress along 
with plastic deformation that may occur in service between weld repairs. For this part of 
the study, a bar of HSLA 100 with dimensions 30 x 40 x 155 mm was compressed to 10 
pct strain before the HAZ simulations.  The samples used for all the HAZ simulations 
were 11 x 11 x 70 mm rectangular bars. Charpy testing was performed at -84°C on 
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standard size samples machined down from the HAZ bars. The HAZ samples were also 
analyzed via microhardness and microscopy. 
 Samples for microstructural characterization were prepared using standard 
metallographic techniques with a 0.05 µm colloidal silica final polish. Samples were 
etched in 2 pct nital. Microstructural characterization was performed on a Reichert-Jung 
MeF3 inverted light optical microscope. Higher magnification scanning electron 
microscopy (SEM) was performed using a Hitachi 4300 FEG/SEM with a 15 kV 
acceleration voltage. Local chemical information from electron probe micro analysis 
(EPMA) measurements employing wavelength-dispersive spectrometry (WDS) was 
performed using a JEOL JXA-8900 microprobe with a step size of 4.5 µm. 
Thermodynamic and diffusion simulations were carried out with ThermoCalc and Dictra 
software24–28 using TCFE8 and MobFe4 databases. 
C. Results And Discussion 
2.3.1. Remnant Segregation in the Base Metal 
As discussed in more detail below, microstructural evolution in the HAZ during 
multiple thermal cycles was found to be controlled, in large part, by remnant segregation 
in the base metal and associated variations in microstructure. The remnant segregation 
persists from segregation during solidification of the original ingot that was not fully 
homogenized by subsequent thermal treatments, or from thermal fluctuations from the 
initial casting and is commonly observed in HSLA and other steels1,29,30. An example of 
this microstructural banding is shown by the LOM images and hardness results in Figure 
2.39. The remnant segregation and associated variation in microstructure is shown by the 
regions in figure 1a that, when etched, appear light and dark within the base metal. 
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Higher magnification images of the bands are shown in the LOM images in figure 1b. 
SEM images of each region are provided in Figure 1c and 1d that show a higher density 
of lath martensite in the enriched band than in the depleted band. Note that these local 
variation in microstructure produce variations in hardness of the BM between 264 and 
285HV.  
EPMA results acquired across a banded region, Figure 2.40, demonstrate that Ni, Mn, 
and Cu,  are enriched in the darkly etching band and depleted in the lightly etching band. 
These gradients in substitutional elements will produce a carbon chemical potential 
gradient that will, in turn, produce local variations in the carbon concentration. A 
diffusion simulation using DICTRA, 
 
Figure 2.41, was performed in which the measured solute profiles of the substitutional 
elements, nominal carbon concentration, and known thermal history of the base metal 
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(described in the Procedure section) were used as inputs to the model calculations. The 
carbon is enriched to ~0.094 wt% in the enriched regions and depleted to ~ 0.066 wt% in 
the depleted regions. The observed difference in hardness within these regions can be 
attributed to the higher concentrations of both substitutional elements and carbon that will 
locally increase the hardness due to solid solution strengthening. The locally increased 
carbon concentration is particularly important, since carbon is the most significant 
martensite strengthener 31,32. Thus, this banding difference will be more exaggerated 
when fresh martensite is present, which often occurs in the HAZ when the peak 
temperature is above Ac1.  
The composition of each band from the EPMA data and Dictra diffusion simulations 
as well as their calculated transformation temperatures (from ThermoCalc) are shown in 
Table 2.2. These simulations estimate an Ac1 and Ac3 temperature of 460 and 760°C 
respectively for the nominal composition. The depleted band has calculated Ac1 and Ac3 
temperatures of 480 and 770°C, respectively, while the enriched band has calculated Ac1 
and Ac3 temperatures of 420 and 750°C.  The lower Ac1 temperature for the enriched 
band means that, for a given HAZ intercritical temperature, there is a greater driving 
force for austenite growth than for the depleted band. The actual Ac1 and Ac3 
temperatures as determined by dilatometry (which provide average transformation 
temperatures), are much higher, 740 and 840°C respectively. However the trends should 
be consistent. The enriched band will have lower Ac1 and Ac3 temperatures than the 
nominal composition, while the depleted region will have higher transformation 
temperatures. This difference in transformation temperatures will lead to microstructural 
differences between the bands in the HAZ, especially in the intercritical region. The 
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enriched band, with a lower Ac1, will more rapidly nucleate and grow austenite than the 
depleted band. The higher solute composition in this region can also affect stability of the 
resultant transformation products due to local changes in the hardenability.  
2.3.2. Autogenous Welds 
Figure 2.42 shows a typical example of hardness variations in the HAZ after 
successive passes were applied with autogenous GTA welds. The enriched bands (shown 
by the red areas on the hardness map) and depleted bands (shown by the light green areas 
on the hardness map) in the HAZ have corresponding higher and lower hardness, 
respectively. Figure 2.43 provides a summary of all the hardness maps in the form of a 
histogram for each heat input considered. Regardless of the heat input, the most frequent 
hardness is in the range of 380 to 400 HV. If there was a hardening or softening trend 
with subsequent weld passes, the most frequent hardness, which is the peak of the graph, 
would shift left or right to indicate a trend towards an increase or decrease in hardness. 
However, the histogram does not show any systematic difference in hardness frequency 
values when all ten weld passes are considered.  Any possible trend in HAZ hardness 
with successive weld passes appears to be masked by the relatively large variations in 
hardness between the solute enriched and depleted regions (that is clearly evident in the 
hardness map shown in Figure 2.42).  Thus, the effect of banding on the HAZ hardness is 
more significant than any possible change in hardness from multiple weld thermal cycles. 
2.3.3. Simulated HAZ Gleeble Samples 
The hardness and impact toughness for each section of the HAZ for single, multipass 
(two and three pass), “fully transformed”, and pre-strained samples are summarized in 
Figure 2.44 (the “fully transformed” samples are discussed more below.) Considering the 
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single pass results first, the hardness of the HAZ remains above the BM value, sharply 
increasing through the intercritical region and reaching a maximum for the FGHAZ. 
There is a relatively wide variation in hardness that is attributed to banding. This 
hardness variation is greatest for the IC and HICHAZ due to the shift in transformation 
temperatures for each band. The impact toughness of the HAZ increases from the base 
metal to the SCHAZ and reaches a peak toughness in the HICHAZ. The FGHAZ has 
lower toughness, but it is still comparable to the BM. The toughness in the CGHAZ has a 
toughness value slightly below the accepted minimum for the intended application of the 
BM, but it does not degrade further when exposed to up to three thermal cycles. The 
hardness of the CGHAZ also stays consistent. 
The results of the pre-strained (PS) HAZ show that the toughness for the BM and 
SCHAZ are both lower than the strain-free samples. This is expected because the plastic 
strain will exhaust some of the ductility of the BM, and the thermal cycle of the SCHAZ 
is not of sufficient time and temperature to increase the ductility significantly via 
recovery and recrystallization. Application of plastic strain reduces the toughness in the 
IC and HICHAZ relative to the strain-free specimens. Both of these regions show an 
increase in toughness relative to the BM and SCHAZ regions, albeit a smaller increase 
than for the single pass sample. The FG and CGHAZ both have toughness values close to 
the single pass samples, as the temperature is high enough to induce recovery, 
recrystallization (for the FGHAZ), and grain growth (for the CGHAZ)33. The hardness of 
the BM is only slightly higher for the PS as compared to the strain-free sample. This is 
expected since HSLA-100 has low work hardening 34–36. The hardness of the PS samples 
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in the HAZ above the Ac3 temperature are generally slightly softer than the strain-free 
samples.  
In the intercritical region, the hardness increases after each thermal cycle and the 
impact toughness remains below that of the first pass. Although there is a decrease in 
impact toughness, it is still above the required minimum for the base metal. In both cases, 
the impact toughness is comparable to the base metal, but it is still lower than the peak 
toughness after the first pass.  To analyze these changes, dilatometry was performed on a 
sample which was held at the IC and HICHAZ peak temperature, Figure 2.45. These 
dilatometry tests were identical to the IC and HICHAZ thermal cycles, except that at the 
peak temperature the temperature remained constant for 5 minutes. The time it took to 
cease the transformation was recorded. The ICHAZ took 240 seconds from the peak 
temperature to fully transform, while the HICHAZ took only 45 seconds to fully 
transform,  
Table 2.3. A single weld pass most likely does not remain at the peak temperature 
long enough to permit full transformation. It is important to note that “full” 
transformation as used here does not imply that the sample will completely transform into 
austenite. The austenite transformation will still not be complete since the peak 
temperature is between the Ac1 and Ac3 temperatures. Thus the “full” transformed state 
is reached when the thermodynamic equilibrium ratio of ferrite and austenite at that 
temperature is met. For example, for a heat input of 2150 J/mm, an ICHAZ thermal cycle 
remains above the Ac1 temperature for only 1.6 seconds, well below the 240 seconds for 
a full transformation. However, with successive weld passes, the intercritical regions of 
the HAZ specimens would get closer and closer to a “fully” transformed state, as is 
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supported by the changes in properties. Thus, the increase in hardness and change in 
toughness with successive passes observed in Figure 6 can be attributed to the additional 
extent of transformation that occurs with each additional pass. However, when these 
regions of the HAZ are “fully” transformed, there should be no further significant 
changes in properties (assuming no significant effect from tempering of the fully 
transformed microstructure). Fully transformed samples were prepared by heating the 
sample up to the peak temperature, holding it until it fully transformed (240 or 45 
seconds depending on the sample), and then cooling it as a typical thermal cycle. These 
fully transformed samples had higher hardness and lower toughness than the single pass 
samples, but the toughness values were still above that of the BM. 
 For weld repairs and multipass welding, low alloy steels may experience the local 
brittle zone (LBZ) phenomena. The LBZ usually contains blocky Martensite–Austenite 
constituent (M–A constituent) phases which can significantly reduce toughness due to 
phase debonding and crack formation 13,37–40. The LBZ has been found in low alloy steels 
to occur primarily in the intercritically reheated CGHAZ (ICR CGHAZ) or the 2CGHAZ 
13,39 where a sample underwent a CGHAZ thermal cycle, followed by a reheat thermal 
cycle to the ICHAZ or the CGHAZ respectively. Thus, HSLA 100 CGHAZ samples were 
reheated to a secondary peak temperature and the hardness and impact toughness of the 
samples were determined, Figure 2.46. The sub-critically reheated CGHAZ (SR 
CGHAZ) shows only a small reduction in toughness, and the ICR CGHAZ for HSLA 
100 is within scatter of the single pass CGHAZ. The high intercritically reheated CGHAZ 
(HICR CGHAZ) and the fine-grained reheated CGHAZ (FGR CGHAZ) both show a 
toughness rejuvenation, which increased the toughness to a value above the minimum for 
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the BM. Thus, subsequent reheating of the CGHAZ does not appear to cause a significant 
decrease in toughness.   
2.3.4. Microstructural Evolution 
SEM micrographs of the simulated single pass samples are shown in Figure 2.47. 
The BM is primarily tempered martensite and acicular ferrite1. Previous TEM studies 
have shown that HSLA-100 is strengthened by copper precipitates and niobium 
carbonitrides1,41–43. Figure 9a and 9b show that the BM and SCHAZ both have tempered 
phases present. Figure 9c shows that the ICHAZ has the same tempered base structure 
with some small transformed lath-like phases apparent on lath and prior austenite grain 
boundaries. The increase in hardness between the BM and ICHAZ is associated with this 
new transformation product (which is likely bainite and/or martensite).  Figures 9d and e 
show the HICHAZ and FGHAZ, respectively. These regions look very similar, with 
refined grain structure, but the average hardness values are higher for the FGHAZ, 
indicting full transformation. Figure 9f shows the CGHAZ microstructure. The large 
prior austenite grain boundaries, fresh martensite, and coarse martensite explain why the 
CGHAZ has low toughness. Although coarse martensite usually only appears for higher 
carbon steels, it is well demonstrated as a phase in the CGHAZ of HSLA 100, which 
significantly lowers the toughness44,45. 
The intercritical samples, IC and HICHAZ, show the largest change in toughness 
with multiple weld thermal cycles. Although the SC and FGHAZ both show a change in 
hardness and toughness, the change is relatively small and within scatter of the first pass. 
The CGHAZ shows no substantial change in hardness or toughness. Figure 2.48 shows 
the ICHAZ as it progresses through increasing amount of transformation from the single 
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pass ICHAZ, to the 2ICHAZ, to the “full” ICHAZ. The hardness in the depleted band of 
the first pass is on average 275 HV while the hardness of the enriched band is 330 HV. 
The microstructure of the depleted band is very similar to the tempered martensite of the 
BM and SCHAZ, with similar hardness to both samples. Any phase transformation in the 
depleted band is subtle. However, the enriched band shows these transformed phases 
discussed above, with an increase in hardness by 55 HV. The 2ICHAZ shows 
transformed phases in the depleted band which were not visible in the single pass 
ICHAZ, as well as a corresponding increase in hardness by almost 20 HV. For the 
enriched band, the small transformed phases appear to have grown to cover almost the 
entire sample, only leaving a few untransformed regions visible. The hardness of the 
enriched band increases by 36 HV. This progressive phase transformation leads to the 
increase in hardness and change in toughness that were described above. The differences 
between the depleted and enriched band are harder to discern microstructurally in the 
fully transformed samples, but there is still a significant difference in hardness due to the 
compositional variations described previously.   
The PS samples which underwent HAZ simulations show lower toughness for the 
BM and SCHAZ due to non-recovered cold working. The PS FG and CGHAZ both show 
similar hardness and toughness values as their counterpart strain-free samples. The 
microstructure of the PS samples does not appear significantly different than their single 
pass counterparts, except for the ICHAZ. The PS ICHAZ has hardness and toughness 
values closer to the 2ICHAZ instead of the ICHAZ. The microstructure of the PS 
ICHAZ, Figure 2.49 , shows the same transformed austenite phases seen in the ICHAZ. 
However, the amount of phase transformation is significantly increased as compared to 
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the single pass ICHAZ. The depleted band, which did not show any transformed phases 
for the single pass ICHAZ, has transformed regions for the PS ICHAZ. The enriched 
band, which saw limited phase transformation for the ICHAZ, has substantially higher 
volume fraction of transformed phases for the PS ICHAZ. This trend, limited transformed 
phases in the depleted band and substantial transformed phases in the enriched band, is 
similar to the 2ICHAZ, which has toughness and hardness values within the scatter of the 
PS ICHAZ. Comparing the enriched and depleted bands of the PS ICHAZ and the 
unstrained ICHAZ shows that there is an apparent increase in transformation when strain 
is applied. However, this potentially could be due to compositional differences like those 
seen for the enriched and depleted band. EPMA traces would need to be done to confirm 
that the differences in transformation are due to the large amount of cold working, not 
compositional differences. 
The low toughness of the CGHAZ can be attributed to as-quenched martensite, 
coarse  prior austenite grains, and  coarse martensite1. The FGHAZ may also likely 
exhibit as-quenched martensite, so this factor is most likely not as important as the other 
two. Coarse grains reduce the amount of crack diversion in a given area, reducing the 
amount of energy absorbed. Coarse martensite are the larger auto-tempered phases that 
have been shown to reduce toughness 44,45. 
The CGHAZ and the ICR CGHAZ both look very similar, except that for the ICR 
sample, the cementite particles in the coarse martensite have mostly dissolved, Figure 
2.50 a and b. There is only minor evidence of phase transformation for the ICR sample, 
which is likely associated with the short time above the Ac1 temperature and the 
reduction of boundaries which the austenite would precipitate on. There is no evidence of 
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M–A constituents and thus no LBZ phenomena. The HICR and FGR CGHAZ samples 
both show a great deal more grain refinement, and a reduction in the size of the coarse 
martensite, Figure 2.50c and d. This grain refinement and coarse martensite reduction is 
the most likely cause for the increase in toughness. The increase in hardness may be due 
to grain refinement as well, following the Hall-Petch relationship. 
D. CONCLUSION 
The influence of multiple thermal cycles in the microstructure and properties of 
HSLA-100 was investigated with autogenous GTA welds and HAZ simulations. The 
mechanical property results were complemented by microstructural modeling and 
characterization. The main results and conclusions are summarized as follows: 
1. ThermoCalc and Dictra simulations show that the solute rich bands have higher 
carbon content and higher hardenability than the solute depleted band, and this 
primarily accounts for the higher hardness in the solute rich bands. 
2. For autogenous welds, local hardness variations due to compositional banding are 
more significant than the influence of multiple weld thermal cycles. 
3. The ICHAZ experiences increasing transformation with each successive pass that 
generally produces increases in hardness and decreases in toughness. However, 
the “fully” transformed ICHAZ region still maintained toughness values above 
that of the BM. 
4. The CGHAZ toughness (46 ft-lbs) is slightly below the minimum toughness for 
base metal (60 ft-lbs), but application of three CGHAZ thermal cycles does not 
induce any additional decrease in toughness.  
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5. Application of 10 percent strain prior to the weld thermal cycle reduces the 
toughness of the BM, SCHAZ, and ICHAZ regions, but the toughness of these 
regions are still maintained above minimum acceptable levels. The toughness of 
the FGHAZ and CGHAZ regions exposed to 10 percent strain was similar to that 
of the strain-free samples.   
6. The toughness of the CGHAZ is improved when heated to the high temperature 
intercritical and fine grain HAZ regions due to microstructural refinement.  
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F. Tables 
 
Table 2.1- Alloy Composition (in weight percent) of the HSLA-100 steel employed in this study 
 
 
Table 2.2- ThermoCalc Simulation Results for slight changes in composition from banding 
 
 
Table 2.3- 5 Minute Isothermal Hold Results 
 
C Mn P S Si Cu Ni Cr Mo Al Nb V Fe
0.08 0.85 0.01 0.002 0.24 1.53 3.58 0.58 0.61 0.027 0.025 0.002 Bal.
Isothermal Hold Temperature tpeak [s] tstart [s] Δttransform [s] ΔDilationtransform [μm]
750°C 10 47 188.5 5.1
810°C 15.5 2 40 8.4
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Figure 2.39- Banding in HSLA-100 as seem by the dark and light etched bands at a) Low Mag LOM, 
b) High Mag LOM, c) SEM of Enriched (dark etched) Band, and d) SEM of depleted (light etched) band. 
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Figure 2.40- A) LOM of Base metal with B) WDS semi-quantitative chemical composition 
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Figure 2.41- Dictra Diffusion simulation after typical heat treatment to determine Carbon segregation 
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Figure 2.42- A) LOM of multipass weld at 1,730 J/mm heat input with B) Hardness map with 
Vickers Color Scale 
84 
 
 
Figure 2.43- Histogram of hardness in the HAZ for each weld pass at A) Low Heat Input and B) 
High Heat Input 
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Figure 2.44- Hardness and impact toughness for single pass and multipass simulated HAZ samples 
 
86 
 
 
Figure 2.45- Dilation plot of IC and HICHAZ with transformation start and finish labeled 
 
Figure 2.46- Hardness and Toughness for Reheated CGHAZ samples 
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Figure 2.47- SEM of Single Pass with hardness. A) Base Metal, B) SCHAZ, C) ICHAZ, D) 
HICHAZ, E) FGHAZ, F) CGHAZ 
 
Figure 2.48- SEM with hardness of ICHAZ with A) Single Pass Depleted Band, B) Single Pass 
Enriched Band, C) Two Pass Depleted Band, D) Two Pass Enriched Band, E) Full Transform Depleted 
Band, F)Full Transform Enriched Band 
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Figure 2.49-Depleted and Enriched Band of the PS ICHAZ with transformed phases labeled. 
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Figure 2.50- SEM of A) CGHAZ, B) ICR, C) HICR, D) FGR CG HAZ  
 
  
90 
 
 
Vita 
Jonah Duch was born August 22nd, 1994 in Brooklyn, NY to Lee Eiferman and Tim 
Duch. He grew up in Brooklyn and Dobbs Ferry along with his brother Nick. He attended 
high school at The Masters School in Dobbs Ferry and graduated in 2012. He then 
enrolled at Rensselaer Polytechnic Institute (RPI) in Troy, NY where he majored in 
Material Engineering. In 2016 he graduated with honors and received a Bachelors of 
Science in Material Engineering degree. He then started his graduate education under the 
direction of Professor John DuPont in the Engineering Metallurgy Group in the Material 
Science and Engineering department at Lehigh University in Bethlehem, PA. He 
graduated with his Master of Science degree in August 2018 and is continuing on his 
PhD. 
